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I. INTRODUCTION
We address an important aspect of solid state diffusion: the mobility enhancement due to vacancy-interstitial solute interactions [1] [2] [3] [4] [5] . Fukai has shown that, at least at high temperature and high hydrogen pressure (H), gigantic concentrations of vacancies are produced [6] . These are called superabundant vacancies (SaVs). They can increase the diffusion coefficient by several orders of magnitude [7] . This mechanism also operates at lower temperatures, after electrodeposition [8, 9] , but in this case the system is far from equilibrium. In such conditions, it is difficult to interpret the impact of H on diffusivity. Vacancies, produced by intense plasticity [10, 11] and stabilized by H, have been proposed as a possible source of H related degradation of metallic materials [12, 13] at room temperature. Furthermore, simultaneous H and vacancy uptake can be obtained by oxidation in aqueous media. An important technological example is Ni-Cr alloys (alloy 600) in Pressurized Water Reactors (PWR) environment (aqueous oxidation at 600 K). The interplay between the microstructure and the oxidation processes have been extensively studied using state of art characterization techniques [14] [15] [16] [17] [18] [19] . In particular, Cr profiles were obtained with a high spatial resolution which revealed a Cr depletion due to oxidation. A comparison with diffusion data at high temperature suggests an acceleration of transport by several orders of magnitude [20] , likely caused by a large amount of out of equilibrium vacancies injected in the material [21] during oxidation. On the other hand, much effort has been devoted to determine the growth mechanism of the oxide and prove the hydrogen uptake [22] [23] [24] . Understanding the interplay between H and vacancies during diffusion is important for the modeling of * dome.tanguy@univ-lyon1.fr H degradation, for room temperature embrittlement, and for intermediate temperature oxidation. We report such a diffusion study in thermodynamic equilibrium, focusing on low H concentrations and temperatures in between 300 and 600 K, covering the range of relevance to applications.
The paper is organized as follows. The technical details concerning the ab initio calculations are first presented. Then the approximations that lead to the expressions for the effective diffusion coefficient and self-diffusion coefficient are detailed: typical time scales are calculated for each process, correlations are discussed, and the bulk concentration dependence is isolated. Motivated by the analysis of the electronic charge density, a model is proposed to determine the relevant activation barriers and reduce the number of saddle point searches to a tractable level with an acceptable impact on the precision of the result. Then, effective vacancy diffusion and self-diffusion coefficients are given as a function of temperature and H concentration. Finally, the main results are compared to irradiation-annealing and oxidation experimental results. It is shown that H induces opposite effects on vacancy and metal transport, depending on the kinetics of the H and vacancy uptake, that can span over many orders of magnitude.
II. METHODS

A. DFT calculations
Energy calculations are carried out by first-principles methods based on density functional theory (DFT) [25, 26] . The Vienna ab initio simulation package (VASP) [27] [28] [29] is used with the generalized gradient approximation (GGA) of the Perdew-Wang (PW 91) form [30, 31] for electron exchange and correlation. A plane-wave basis set is employed within the framework of the Blöchl projector-augmented wave (PAW) method [32] to describe the electron-ion interactions.
We find that a cutoff energy of 400 eV (29.4 Ry) and a dense Monkhorst-Pack mesh [33] (24×24×24) are necessary for a good convergence. The equilibrium lattice structure is determined by minimizing the Hellmann-Feynman force on the atoms and the stress on the unit cell. The magnetic moments are taken into account in all calculations. Two sizes of supercells are tested: 32 and 108 atoms. The difference in total energy and jump barrier is found to be less than 0.03 eV in pure Ni. Therefore, the V H n clusters are simulated using a supercell containing 32 atoms. Forces are minimized down to 0.01 eV/Å. The nudged elastic band (NEB) method [34] is used for calculating energy barriers for diffusion. A spring force constant of 5 eV/Å is used.
B. Diffusion model
Within the framework of the harmonic approximation of the transition state theory [35, 36] , the transition rate for a specific pathway (where i and j are formal indices for the initial and final state) is given by
where k B is Boltzmann's constant, h is Planck's constant, and G m is the free energy difference between the transition state and the initial state. The latter is composed of two contributions: an electronic energy term E m (the jump barrier) and a vibrational energy term G vib [36, 37] . In a periodic structure, G vib is given by
where the ν are the vibrational frequencies of the system (in the saddle configuration, one frequency is imaginary: it is not considered and G vib is the ratio of two sums [36] that do not contain the same number of terms). The summation on the vibration frequencies has been reduced at the q = Ŵ. Full phonon calculations are performed first in pure Ni, then on a few key saddle configurations in the presence of H.
III. DIFFUSIVITY OF VACANCY-HYDROGEN CLUSTERS
The expressions used below for calculating the vacancy diffusion coefficient and the self-diffusion coefficient rely on a good separation of time scales between the various diffusion events involved: the H jumps in between the bulk sites, the absorption by vacancies, the detrapping from vacancies, and the exchange of vacancies with their first neighbors. We can evaluate the typical waiting time for each one of these events. The time (t 1 ) for the absorption of a H atom can be obtained from the reaction-rate theory ( [38] , p. 229). Considering that the vacancy is an absorbing sphere of radius a 0 and that the bulk is homogeneous at atomic concentration c H , the integral of the flux at the surface, from zero to t 1 , equals the quantity of absorbed H during time t 1 . For a single hydrogen, it gives t 1 ∼
, where D H is the H diffusion coefficient in the bulk (obtained from D 0 = 4 × 10 −6 m 2 s −1 and E a = 0.476 eV, respectively the prefactor and the activation energy, taken from [36] ) and a 0 is the Ni lattice parameter. Typical values of t 1 for T = 600 K are 10 s at 300 K) taking ν 0 = 1.7 × 10 13 s −1 and E a = 0.6 eV [39] . From this, we can conclude that beyond 1 ppm, at 600 K, the hypothesis of the equilibration of H before each vacancy jump is justified for this system (and also at 300 K). Furthermore, the energy barrier for H diffusion among the interstitial sites inside the vacancy are very low (smaller than 0.2 eV). The equilibration between all the variants of a V H n is therefore reached before any exit event [39] . An important consequence of the separation of time scales is that we can view V H n diffusion as a regular vacancy random walk, i.e., uncorrelated [40] with respect to H jumps. The correlation factor for selfdiffusion is therefore the same as the one for the pure metal. In support of this statement, we give the list of the barriers for a backward jump after a V H n -Ni exchange, for the (a) paths of the twelve configurations of Table I They are all significantly higher than the barrier for a H jump in the bulk, except one. It corresponds to an event which has a minor influence on the diffusion coefficient. It seems that, in general, H has enough time to diffuse before any attempt to reverse the exchange happens. This is specific to the H interstitial solute for which bulk diffusion is fast with respect to vacancy diffusion. Using kinetic Monte Carlo to evaluate the correlations would require the use of mesoscale techniques to deal with the wide range of time scales, which is out of the scope of this paper.
Finally, neglecting correlations, the effective diffusion coefficient (D eff vac ) is simply proportional to the sum over the configurations j , of clusters containing nH , of the product of the equilibrium probability of the configuration with the sum over all jump paths i of the jump frequency Ŵ i j [41] :
The problem is to find which configurations and paths contribute most to this sum. First, we considered configurations with occupied sites O 2 (i.e., sites of the second shell of octahedral sites Fig. 1 ) only, which transform into occupied O 1 sites during the metal-vacancy exchange, as potential candidates for H-accelerated vacancy diffusion. Indeed, the barriers were slightly diminished, but the contribution to Eq. (3) is negligible because the weight of such configuration is very small in comparison to configurations with occupied O 1 sites. Therefore, only configurations with the highest weights were considered. The thermodynamic model in [42] gives the list of such clusters (Table I and 
the clusters containing nH ; it does not depend on µ * and therefore is independent of c H . P n = j c V H j n / n,j c V H j n is the fraction of VH n clusters, among all clusters; it depends on c H . The average jump frequency of VH n is also introduced as
where Ŵ j , the jump frequency for cluster V H j n , is given by
where g i is the degeneracy of the pathway (i is the label of the path) and i g i = 12. With these definitions, D eff vac is
where D n vac is the average diffusion coefficient of the V H n clusters.
We now give Ŵ j and explain how we truncate Eq. (5) to reduce the number of saddle searches. The charge redistribution at the saddle point, as a function of n, is analyzed and a simple 
A. Vacancy migration and jump frequency: DFT results
In the pure metal, the 12 pathways for the Ni-vacancy exchange are identical. A barrier of 1.07 eV is found, in close agreement with experimental diffusion activation energies (1.04 [43] , 1.05 [44] , and 1.01 eV [45] ). The vibrational free energy difference G N i vib is given by Eq. (2) with the computed phonon frequencies of pure Ni in the initial and saddle configuration. The attempt frequency defined as
is found to be 17 THz in the temperature range of interest, which is close to the experimental value (50 THz [46] ) and to other calculations (22 THz [47] ). Including H has a high computational cost, not only because of the number of saddle searches, but also because convergence in the vicinity of saddle is slow. Regarding the vibrational free energy, we have investigated two levels of approximation. As a first approach, the influence of H on G vib is ignored and the model is developed with the ν of the pure metal until we quantify the contribution of each cluster configuration to D eff vac . Then, full phonon calculations are performed for a limited number of key saddle configurations, identified within the first approximation. The results of both approach are compared.
There are 46 jump pathways to consider in order to evaluate the jump frequencies of the 12 cluster configurations listed in Table I . The first barrier calculations showed that trapped H has a repulsive effect, i.e., the barrier increases with the H content. The analysis of the differential electronic charge distribution
, at the saddle point, and the comparison between VH 2 , VH 4 , and especially VH 6 show how electrons are redistributed in the presence of H (Fig. 3) . At low H content, the redistribution is subtle with modifications around every atom in the system, including the Ni in saddle configuration (Ni * ) and the H atoms. The case of VH 6 is clearer: the presence of two H first neighbor of Ni * involves a large electronic redistribution around this atom. This is confirmed by the Bader charge on Ni * (Table II) which slowly decreases with H content, and abruptly drops in the case of VH 6 . There seems to be a good correlation with the barrier evolution (Table II) . It is also found that the Bader charges on the two H atoms in first neighbor positions are not modified, while the ones on the other H are. This modification is however much lower than the one on Ni * . Motivated by these observations, we model the variation of the energy barrier by a simple function of pair interactions between Ni * and the neighboring H:
where E 0 m is the energy barrier in pure Ni, ǫ k is the pair interaction between Ni * and H in kth neighbor position (n k is the number of such H), and ǫ Table I . Table I , except one, are reproduced with an error less than 5%. The large value of ǫ H −H 1−1 was a motivation to look for possible multiple jumps where H first neighbors of Ni * , would migrate to either a T 1 , T bulk , or O 2 site during the metal-vacancy exchange. These barriers were always higher than those where H remains on its original site. The general trend given by the model is that the closer the Ni * atom is to an H atom when jumping over the barrier, the higher the barrier. Therefore, we can find the lowest barriers by packing the H as far as possible from the jumping Ni.
Based on this model, we ordered the barriers by increasing value, for each configuration j , and used this to truncate the sum in Eq. (5), with a controlled precision. Indeed, the truncated sum is a lower bound for the actual jump frequency (Ŵ lower ). An upper bound (Ŵ upper ) is obtained by replacing all the missing terms by the last term calculated. The relative error is η =
. Finally, only the barriers corresponding to 28 jump pathways were computed (Table I ) and lead to η values always lower than 33%. This is a sufficient precision to discuss the experimental results, which report an increase of substitutional diffusion by several orders of magnitude.
Finally, the phonon frequencies were calculated in the initial and saddle configurations of the jump path with the lowest barrier for clusters VH 0 , VH 1 , VH 2 , VH 3 , VH 4 and VH 5 (see Table I ). The corresponding attempt frequencies [Eq. (7) 3.17 × 10 13 , 9.0 × 10 13 , and 4.35 × 10 13 Hz. The effect is noticeable only on clusters with a high H content, which dominate diffusion at large H concentrations. These frequencies are taken into account in all figures below, however, we will see that the influence on the effective diffusion coefficients is minor and limited to high H concentrations.
B. Vacancy diffusion
We start by analyzing the average diffusion coefficient of clusters, as a function of the number of H. The prefactor and activation energy for D Table III . The activation energies are close to the clusters' lowest jump barrier (Table I ) and the prefactors are nearly constant.
The Arrhenius plots of the vacancy effective diffusion coefficients, for three different H concentrations, are presented in Fig. 4 (note that D eff vac is on a log scale). A linear behavior is observed for pure Ni with an activation energy of 1.07 eV and a prefactor of 2.0 × 10 −6 m 2 s −1 . The two curves corresponding to the presence of H, located below that of the pure metal, exhibit a non-Arrhenius behavior. To determine its origin, the clusters' contributions to the diffusivity and the cluster distribution for the case of high H concentration, are respectively presented in Figs. 4(a) and 4(b) . The diffusion curve with 1000 ppm H can be divided in two parts. Below 500 K, the V H 2 contribution is dominant, because of its small activation energy and despite a much larger fraction of V H 5 and V H 6 clusters [ Fig. 4(b) ], because they diffuse slowly. Above 500 K the main contribution comes from V H 0 . It has the lowest activation energy and its fraction starts to increase noticeably at this temperature. A switch from V H 2 dominated diffusion to V H 0 could be an explanation to the non-Arrhenius behavior.
Finally, the variation of the vacancy diffusion coefficient with the bulk H concentration, for 300 and 600 K, is presented in Figs. 5(a) and 5(b) , respectively. The corresponding cluster distributions can be found in [42] (Figs. 5 and 6 ). An increasing H concentration decreases the vacancy diffusion coefficient. The effect is particularly drastic at room temperature, where a decrease by 10 orders of magnitude is expected (5 orders of magnitude at 600 K). However, the practical consequences are rather limited because the vacancies are already immobile at 300 K on the time scale of fracture in service, even in the absence of H. On the contrary, at 600 K, the vacancies remain mobile. Note that the different treatments of the vibrational entropy are almost indistinguishable, except at high H content.
C. Self-diffusion
At low vacancy concentration, self-diffusion is dominated by monovacancies. Similar to the vacancy case, the Ni selfdiffusion coefficient (D eff self ) is the sum of the contributions of each V H n cluster:
where c n and D n self are, respectively, the concentration and the diffusion coefficient of cluster V H n , and f is the correlation factor. f is taken as the pure metal value of 0.781 [40] as discussed above. From Eq. (9), since all terms are positive, there is no doubt the presence of H increases Ni self-diffusion if the vacancies are in equilibrium. If the vacancy supply is slow compared to H uptake, the reduction of vacancy-mediated diffusion is dramatic, as shown above.
The Arrhenius plots of the Ni self-diffusion coefficients, without and with H, are presented in Fig. 6(a) . Fitting the self-diffusion coefficient to the Arrhenius form gives an activation energy of 2.85 eV and a prefactor of 7.9 × 10 −6 m 2 s −1 , which are close to the experimental results given by Neumann [48] (activation energy of 2.87 eV and prefactor of 8.5 × 10 −5 m 2 s −1 ). A concentration of 10 ppm H does not significantly affect the diffusion coefficient: the curves are on top of each other on Fig. 6(a) , while a significant increase is observed at 1000 ppm. The clusters' contributions are the same as the one already discussed for vacancy diffusion at the 1000 ppm case: V H 0 dominates at high temperature, while, at low temperature, the diffusion curve follows the Arrhenius plot of D 2 self (V H 2 ). The increase in the vacancy concentration, due to the reduction in the vacancy formation energy, overcompensates the increase of the jump barrier.
The increase in self-diffusivity is of seven orders of magnitude at 300 K (not shown) at 1% H, but the diffusion coefficient is still in the range of 10 −50 m 2 s −1 . On the contrary, at T = 600 K [ Fig. 6(b) ], up to five orders of magnitude increases are obtained, which brings diffusivity in a range that could be relevant to oxidation experiments, as will be discussed further below. This is obtained, however, for very high H concentrations of several percents. This result is robust: by decreasing the vacancy formation energy by 0.2 eV, the diffusivities are enhanced by two orders of magnitude, but the H concentration where the shoot up starts is only decreased by a factor 3, at 600 K.
IV. DISCUSSION AND CONCLUSION
We now discuss the main findings with regard to experimental observations, first concerning H effects at room temperature and, second, concerning enhanced metal diffusion at intermediate temperature. At room temperature, in Ni, vacancies do not diffuse on the time scale of laboratory experiments in the absence of shortcuts. Our estimate of the diffusion coefficient is consistent with high temperature activation energies [48] and implantation-annealing experiments [49] . H is found to reinforce this, by further trapping the vacancy. This effect has been observed in irradiated Nb [50] and Al [51] in the presence of H, but not in Ni because the detrapping of H from the vacancies occurs at temperatures lower than those necessary for the vacancies to become mobile [49, 52] . The barriers for metal-vacancy exchange are always higher when H is present inside the vacancy. This reduced mobility should be considered when interpreting H embrittlement by vacancy-hydrogen clusters agglomeration at low temperature [11, 53, 54] .
On the contrary, above 600 K, vacancy-hydrogen clusters are always mobile, although much slower than vacancies alone. In the Introduction, we mentioned that an enhanced Cr diffusion could be observed during oxidation in PWR environment. We can wonder if this can be attributed to SaVs or, more generally, if H effects on diffusion are worth being considered in these conditions. The activation barrier for Cr diffusion in Ni [55] is similar to that for Ni self-diffusion. This opens the possibility of extending our results provided a few additional calculations are made. A single Cr atom was introduced in the simulation box. The H-Cr interaction is repulsive by about 0.07 eV in the bulk. The same trend is observed inside a vacancy with a Cr atom in first neighbor position. The H segregation energies are −0.15, −0.14, and −0.23 eV with increasing H-Cr distance and H on O 1 sites. For comparison, the segregation energy is −0.22 eV in the absence of Cr. The activation energy for the Cr-vacancy exchange is very similar to the Ni case (the values are given below in parenthesis). The barriers are 1.04 eV (1.07 eV), 1.12 eV (1.12 eV), and 1.33 eV (1.38 eV) for, respectively, atom-vacancy exchange without H, path (a) of V H 1 (O 1 ), and path (a) of V H 4 (4O 1 1NN) . Finally, the influence of a single Cr on the vacancy formation energy is negligible. These additional results imply that the extension of our results to Cr in Ni is straightforward. Cr diffusion measurements in pure Ni are in good agreement with DFT calculations, and are of the order of 10 −28 m 2 s −1 at 600 K, with a spreading of a factor 5 (see Table III in [55] ). Therefore, an observable modification of the Cr profile, corresponding to a typical oxidation time of 500 h, would require an increase of the diffusion coefficient by at least four orders of magnitude. From Fig. 6(b) , equilibrium vacancy-hydrogen clusters can yield this increase but only for c H higher than 5%. Such a large H uptake has never been reported and therefore the vacancy concentration increase is to be found in the complex, out of equilibrium, processes related to the oxide film growth. Nevertheless, a H uptake of 2000 ppm was reported [53] and it will have a non-negligible impact on out of equilibrium vacancy diffusion by slowing them by a factor 10 [ Fig. 5(b) ].
In conclusion, we developed a model for the diffusion of VH n clusters in Ni. The method relies on a remarkable separation of time scales between H and vacancy diffusion. This separation is likely to be valid for other metal-H systems, to which the method could be applied. The ingredients are the following: the c H and T range are such that H bulk diffusion and trapping are fast and the barriers for H detrapping are low in comparison with VH n -metal exchange. Furthermore, the energy barrier for the reverse exchange should be higher than the barrier for H bulk diffusion to enable a fast redistribution of H. Under these conditions, H is considered always in equilibrium and the VH n clusters perform an uncorrelated random walk. The effective diffusion coefficient is a sum over the jump paths (i.e., over the VH n configurations times the 12 possible exchanges with the first neighbors) of the equilibrium probability of being in the VH n configuration, times an activation term. We showed that the effective interaction between the jumping Ni and the H inside the vacancy is repulsive. As a consequence, the activation barrier increases with the H content. This induces a drastic slowing down of vacancy diffusion. On the contrary, at equilibrium (i.e., after a time long enough to obtain the vacancy enrichment subsequent to a fast H uptake), metal transport is always enhanced. In the Ni and Ni-Cr cases, a noticeable speed up can only be expected at high H concentrations (beyond 2000 ppm at 600 K). The strongest effect is undoubtedly the trapping of out of equilibrium vacancies that should be considered when modeling metal transport during oxidation.
